This paper concentrates on the superplastic response of fine-grained and coarse-grained Al-Mg alloys under uniaxial tension. To identify the main characteristics of superplastic deformation and to determine the optimum deformation parameters, the microstructure and dislocation substructure of the alloys are analyzed as a function of strain, strain rate and temperature using electron backscatter diffraction and transmission electron microscopy (TEM). Under optimum deformation conditions of temperature and strain rate, these Al-Mg alloys have an elongation to failure in excess of 300%. Dynamic recrystallization is dominant at strain rates in excess of 10 À1 s À1 and results in a strong coarsening of the microstructure and premature failure. Dynamic recovery prevails at a strain rate of around 10 À2 s À1 , leading to great enhancement of the plasticity of the coarse-grained materials. TEM observations show that subgrain formation proceeds slowly. During initial straining, subgrains are formed primarily along the original grain boundaries. This results in a ''core and mantle'' microstructure, with dynamic recovery mainly taking place in the mantle region. A uniform substructure is established at a strain of the order of 1.
Introduction
Conventional fine-grained superplasticity in Al-Mg alloys is based on grain boundary sliding as the primary deformation mechanism, which requires a fine, stable grain size of the order of 10 lm [1] [2] [3] [4] . The main limitation towards mass application of these alloys is the relatively long forming time associated with a strain rate that is generally lower than 10 À3 s À1 . The low strain rate is inherent to the diffusion-controlled mechanisms (e.g. dislocation climb) that accommodate grain boundary sliding [5] . The deformation at these strain rates is characterized by a high value of the strain rate sensitivity of the order of 0.5.
A reduction of the forming time by one or even more orders of magnitude can be obtained by using coarsegrained superplastic Al-Mg alloys, which present high ductility at strain rates of the order of 10 À2 s À1 or higher [6] [7] [8] . It should be noted that since the mechanism of coarsegrained superplasticity does not follow the definition of superplasticity in the strictest sense, the deformation behavior has also been referred to as ''enhanced ductility'' or ''quasi-superplasticity'' by some researchers [9] [10] [11] . In this paper, we will maintain the designation ''coarsegrained superplasticity'' because of the low flow stress and relatively high strain rate sensitivity associated with this regime, both of which are characteristic of superplastic deformation.
The plastic deformation at high temperature of coarsegrained alloys is a complex phenomenon as grain size independent and grain size dependent mechanisms take place simultaneously [12] . Dynamic reconstruction in coarse-grained Al-Mg alloys is often evidenced by extensive grain refinement, which is attributed to the formation of subgrain boundaries and their conversion into lowangle and high-angle grain boundaries. This evolution of the microstructure in the solute-drag regime has been studied in detail in torsion [13] and compression [14] modes, but less in tension.
However, significant differences compared to these modes may arise in tensile deformation due to the anisotropy of the stress and the effect of strain localizations. Therefore in this study we concentrate on the superplastic response of fine-grained and coarse-grained Al-Mg alloys under uniaxial tension. To identify the main characteristics of superplastic deformation and to determine the optimum deformation parameters, the microstructure and dislocation substructure of the coarse-grained alloys are analyzed as a function of strain, strain rate and temperature using electron backscatter diffraction (EBSD) and transmission electron microscopy (TEM). The results are discussed in relation to the dynamic reconstruction mechanisms and their influence on the ductility of the alloys.
Experimental
The alloys used in this study are two coarse-grained Al-4.4% Mg and Al-4.4% Mg-0.4% Cu alloys with minor additions of Ti, Mn and Cr (<0.1%) and an average initial grain size of 70 lm, and a fine-grained Al-4.7% Mg-0.7% Mn alloy (AA5083) with an average grain size of 10 lm.
Specimens for tensile testing were laser cut from 2 mm thick cold-rolled metal sheets with the gauge direction parallel to the rolling direction and subsequently annealed for 10 min at 450°C before deformation. Tensile elongation measurements were performed at constant crosshead speed under controlled temperature conditions using an Instron tensile machine and a three-zone-split furnace. The strain rate sensitivity index m and the activation energy Q were determined from strain rate change (SRC) experiments. The activation energy was calculated using the method described in Ref. [15] . The strain distributions over the gauge length were determined from optical measurements of the cross-sectional area of the gauge of the deformed specimens.
To investigate the microstructure during deformation, the tensile tests were interrupted by water quenching at several elongations up to 170%. The specimen surfaces were prepared for EBSD by electrochemical polishing in a 5% perchloric acid solution in methanol at À20°C and 10 V. TEM specimens were laser cut from the gauges and thinned by twin-jet electrochemical polishing using the same electrolyte at À30°C and 20 V.
Results and discussion

Macroscopic mechanical behavior and viscous dislocation glide
The dependence of the elongation to failure on strain rate and temperature for the two coarse-grained materials is presented in Fig. 1 . Both alloys show maximum elongation to failure at a temperature between 400 and 440°C, which is considerably lower than the temperatures higher than 500°C usually required to achieve maximum ductility in fine-grained Al-Mg alloys [16] [17] [18] . Furthermore, the optimum strain rate lies around 10 À2 s À1 , which is high compared to the strain rates generally associated with the proposed grain boundary sliding mechanism in fine-grained materials. The fine-grained Al-Mg-Mn alloy (results not shown in Fig. 1 ) always yielded lower values for the maximum strain than the coarse-grained alloys when deformed under the same conditions of temperature and strain rate. Of the coarse-grained alloys, the Al-Mg-Cu showed on average slightly higher ductility than the Al-Mg alloy, the highest value for the tensile elongation being 357% for deformation at 440°C at a strain rate of 10 À2 s À1 . The relationship between flow stress and strain rate at several deformation temperatures for the coarse-grained Al-Mg-Cu and the fine-grained Al-Mg-Mn alloy is shown in Fig. 2 . The data for the coarse-grained Al-Mg alloy follow exactly the same pattern as those for the Al-Mg-Cu alloy and have therefore been omitted. For the coarse-grained alloys, the log r vs. log _ e dependence is linear over the entire strain rate interval investigated, while for the fine-grained Al-Mg-Mn alloy the dependence resembles the well-known sigmoidal shape [15] . The strain rate sensitivity obtained from the data from Fig. 2 is plotted as a function of log _ e in Fig. 3 . The finegrained material deformed at 520°C shows a peak for the strain rate sensitivity of about 0.7 at 10 À4 s À1 , decreasing to a value of around 0.3 at 10 À2 s À1 . The coarse-grained alloys are characterized by a relatively constant value for m of about 0.3. At a stress value of 25 MPa, the activation energy Q for the deformation of these alloys is equal to 153 kJ mol À1 , which is close to the activation energy for diffusion of Mg in Al (136 kJ mol À1 ) [19] and the activation energy of self-diffusion (143 kJ mol À1 ). The values of the strain rate sensitivity index and the activation energy suggest that solute drag on dislocation gliding is the rate-controlling mechanism in these coarsegrained alloys. Nevertheless, it is relevant to examine critically this mechanism for the present case. In a Newtonian viscous material the component of the shear force s d b acting in the direction of the moving dislocation becomes equal to B v d with v d the mean velocity of the dislocations. The drag coefficient B consists of contributions from phonon viscosity, electron viscosity and impurity effects, but in the present case the drag term B is dominated by the impurity contribution (the electronic contribution is about 1 lPa s and the phonon contribution is even one order of magnitude smaller at 700 K), which may be written as [20] B I;glide ' 17 4
where A is the elastic interaction energy term (3lbXe a /p) and c 0 the concentration of Mg in Al. The drag coefficient can also be formulated depending on the dislocation velocity [21] but for the present case it gives similar values to those obtained through Eq. (1). Analogously, a different relation can be derived for the climb contribution to the drag term. Assuming that dislocation climb is not affected by the impurities and depends only on self-diffusion through the vacancy mechanism, we arrive at [22, 23] 
For solute drag on gliding dislocations to be the predominant mechanism, as is often claimed in the literature, B I,glide should be considerably larger than B I,climb because glide and climb are sequential steps in the deformation process and therefore the largest drag coefficient corresponds to the rate-determining mechanism. However, it should be realized that for the present case the condition B I,glide / B I,climb ) 1 depends very critically on the precise value of the activation energy Q for diffusion of Mg in Al. Reported values for the activation energy range from 115 to 136 kJ mol À1 [19] , depending on the experimental method used, leading to B I,glide /B I,climb = 0.15 and B I,glide /B I,climb = 4.6, respectively (both at 700 K). It should therefore be concluded that based on the reported values for the activation energies in the literature, both mechanisms may be active in the Al-Mg alloys at hand. The following gives further support to the solute drag mechanism.
As a matter of course the solute drag on gliding dislocations only operates if the solutes are able to interact with moving dislocations; no solute atmosphere will be formed if the dislocations are moving too fast. When the dislocation is moving with a velocity v d , an apparent flow relative to the dislocation has to be added to the flux equation [24] [25] [26] [27] and beyond a critical value of the dislocation velocity m c , defined by
the flow lines are open and do not pass through the dislocation core. The reason for a solute atmosphere being formed is that the flow lines of the Mg atoms end at the dislocation core. Therefore, a solute atmosphere can only be formed if the dislocation is moving more slowly than the critical velocity. In this case, the formation of a solute atmosphere leads to a concentration gradient and consequently a drag force per unit length can be defined. For v d > v c , the drag term B I,glide is equal to zero. Note that D Mg and thereby v c depend strongly on temperature and activation energy. The critical velocity as a function of temperature has been calculated for the present case and it is displayed in Fig. 4 . It can be concluded that if the dislocation velocity v d is less than 5. · 10 À4 m s À1 at T = 700 K, Mg solutes in Al can reach the core of moving dislocations and therefore solute drag on gliding dislocations can occur. The critical velocity poses an upper limit to the strain rates at which solute drag operates as given by the Orowan equation. For the strain rates used in this study (around 10 À2 s À1 ), a maximum dislocation velocity of 5. · 10 À4 m s À1 requires a minimum mobile dislocation density of the order of 10 11 m À2 . This value is substantially lower than the total dislocation densities typically encountered (larger than 10 14 m À2 ) and therefore it is concluded that solute atmospheres are formed at these strain rates.
The question may arise as to whether in superplastic deformation at high strain rates the plasticity-induced vacancy concentration becomes of the same order as the thermal vacancy concentration. From our earlier work [ [28] [29] [30] it can be concluded that for this system the thermal vacancies are still dominant above 500 K. Since the superplastic temperature range for the coarse-grained Al-Mg alloys lies around 700 K, plasticity-induced vacancies are not expected to play a significant role in the climb and diffusional processes.
The strain rate sensitivity of the solute-drag mechanism is high enough to stabilize the plastic flow to such an extent that elongations of a few hundred per cent can be attained. However, although the solute drag operates relatively constantly throughout the entire range of strain rates investigated, the maximum elongation changes appreciably as a function of the strain rate as illustrated in Fig. 1 . This shows that in addition to solute-drag creep, strain rate dependent reconstruction mechanisms greatly affect the ductility of the alloys.
Reconstruction mechanisms
The strain distribution over the gauge of two specimens, one fine-grained (Al-Mg-Mn) and one coarse-grained (AlMg-Cu), having the same value for the maximum tensile elongation (320%) is presented in Fig. 5 . For both materials, the strain varies over the length of the gauge. In the case of the fine-grained material, about 5% of the gauge is heavily affected by cavitation [31, 32] . The coarse-grained alloy shows prolonged necking over about 20% of the deformed gauge.
Because of the localization of strain, the strain rate in the necked region becomes much higher than the macroscopic strain rate of 10 À2 s À1 . This leads to the appearance of dynamic recrystallization close to the fracture place, as shown in Fig. 6(a) . Dynamic recrystallization is presumably triggered by the high local dislocation densities generated at strain rates in excess of 10 À1 s À1 . The mechanisms involved in its nucleation and propagation cannot be conclusively identified from the present results; in particular, the mechanisms of oriented nucleation versus selective growth are widely debated in the literature [33] . Oriented nucleation is often observed in the presence of secondphase particles. This so-called particle-stimulated nucleation is evidently not relevant in our coarse-grained alloys. Reports of texture development during dynamic recrystallization indicate that selective growth plays a significant role in face-centered cubic metals [34] . The texture observed in the recrystallized parts of the Al-Mg specimens is similar to that of the uniformly deformed gauge, suggesting that selective growth may indeed be responsible for the microstructure observed. The new grains coarsen rapidly, producing inhomogeneities of the microstructure and consequently a premature failure of the material. It should be noted that irregularities in the material lead to necking in the first place; however, large grains of the size shown in Fig. 6(a) were not found in the material prior to deformation and their development is therefore positively attributed to dynamic recrystallization. At intermediate strain rates (10 À2 s À1 ), the main restoration mechanism in the coarse-grained alloys is dynamic recovery. This mechanism is associated with annihilation of dislocations and with the formation of a subgrain structure [12] . The newly generated microstructure, as illustrated in Fig. 6(b) , is characterized by a finer grain size and an increased grain boundary density as compared to the original material. The grain refinement is a result of the continuous increase in subgrain boundary misorientations so that they become typical of low-angle and in some cases even high-angle grain boundaries. Analysis of the misorientation angles shows a significant increase of the ratio of low-angle to high-angle boundaries in this regime [8] . The dynamic recovery greatly improves the ductility of the coarsegrained materials leading to values of the maximum strain in excess of 300%.
A quantitative measure of dynamic recovery is provided by the extent of grain refinement as measured by EBSD. Table 1 shows the average grain size of the coarse-grained alloy deformed to failure at different strain rates and temperatures compared to the original grain size. The maximum grain refinement at a deformation temperature of 420°C is attained at a strain rate of about 10 À2 s À1 . At lower strain rates, the formation of a subgrain structure is suppressed, while at higher strain rates or temperatures, dynamic recrystallization becomes predominant and leads to rapid grain growth. A similar trend is shown by the evolution of texture during deformation as shown in Fig. 7 . The cube texture that develops along the tensile axis becomes most pronounced at the optimum strain rate of 10 À2 s À1 . The evolution of this texture is associated with the formation of a substructure during dynamic recovery, allowing favorable orientations of the subgrains with respect to the tensile axis. In tensile deformation of fine-grained Al-Mg [35] , it was found that at a strain rate of 10 À4 s À1 , when grain boundary sliding dominates, the texture is significantly reduced; at a strain rate of 10 À2 s À1 , when solutedrag creep is the rate-controlling mechanism, a strong cube texture developed similar to our observations. Fig. 8 shows three micrographs representative of the microstructural evolution observed during superplastic forming of the coarse-grained Al-Mg alloy. At a strain of a few per cent, just beyond the yield point, random configurations of dislocations are visible (Fig. 8(a) ). This stage of deformation is characterized by a drop of the flow stress [8] , which indicates dislocation multiplication from an initially low dislocation density pinned by Mg solutes [36] . During further straining, subgrain formation occurs primarily along the original grain boundaries, as in Fig. 8(b) showing subgrain boundaries near a high-angle boundary triple junction. At this stage, the substructure shows many incomplete subgrain boundaries, i.e. boundaries with a very low misorientation (<1°) that do not fully enclose a subgrain. Only when a strain of the order of 1 is attained do the subgrains completely fill the grain interior. Fig. 8(c) shows the refined subgrain structure at a strain of 170% and an average subgrain size of approximately 5 lm. Note that the size distribution is fairly broad, with observed subgrain sizes ranging from 1 to 10 lm. The subgrain boundaries have an average misorientation of the order of 2°, with some of the boundaries having misorientations high enough to be detected by EBSD. Essentially the same substructure evolution was found in the AlMg-Cu alloy.
Dislocation substructure
Without any external stress applied, the subgrain boundaries are relatively stable under annealing at superplastic forming temperature as illustrated in Fig. 9 . At this temperature, most of the lattice dislocations are absorbed into the subgrain boundaries, and some rearrangement of the dislocations in the subgrain boundaries is observed. However, the subgrain structure as a whole remains intact 
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The grain sizes are measured from EBSD scans, requiring a misorientation of at least 5°in order for a grain to be counted. . Dynamic recovery leads to a pronounced cube texture at a strain rate of 10 À2 s À1 .
for at least 10 min, even in a thin TEM foil, where dislocations can easily escape to the free surfaces of the specimen. Given the strain rate around 10 À2 s À1 , this is a long enough time to ensure that the observed recovery mechanisms are dynamic rather than static.
Our observations of subgrain formation are similar to those of binary Al-Mg alloys in torsion [13] and compression [14] in the solute-drag regime. However, since the maximum achievable strain in tensile mode is considerably lower, the grains do not thin to such an extent that socalled geometric dynamic recrystallization [37] becomes relevant. In all deformation modes, the substructure formation in the Al-Mg alloys is more sluggish than in pure Al, presumably due to a lowering of the stacking fault energy by the solute Mg [38] .
The effect of the Mg content on the tensile ductility is twofold. On the one hand, a higher Mg content increases the extent of solute drag, thereby stabilizing the plastic flow. However, beyond a few per cent Mg, the effect on the strain rate sensitivity becomes fairly marginal; Taleff et al. [10] reported an increase of m = 0.29-0.32 in going from 2.8% to 5.5% Mg. On the other hand, the presence of Mg significantly reduces dynamic recovery as evidenced by the slow formation of subgrains. As a result, Mg concentrations above 5% can easily give rise to dynamic recrystallization within a certain domain of temperature and strain rate, which in the absence of grain-refining secondphase particles leads to rapid coarsening of the microstructure. The currently used composition with 4.4% Mg appears to be a good balance between solute drag and dynamic recovery, leading to enhanced tensile ductility in excess of 300%. In torsional deformation, where a high strain rate sensitivity to avoid necking is less important, the ductility benefits most from dynamic recovery (leading to geometric dynamic recrystallization at high strains) and is consequently higher for pure Al than for Al-Mg alloys [39] . The initially inhomogeneous formation of subgrains gives rise to a ''core and mantle'' microstructure, in which most deformation is concentrated along the grain boundaries. In fine-grained superplasticity, this type of microstructure has been associated with grain mantle deformation processes as an accommodating mechanism for grain boundary sliding [40] . In the present case, the concentration of dislocation structures in the mantle region is attributed to dynamic recovery and can be explained by the high stresses exerted by dislocation pile-ups at the grain boundaries, which promote dislocation climb and consequently dynamic recovery. The formation of subgrains and the continuous increase in subgrain boundary misorientation due to absorption of dislocations effectively lead to grain refinement near the original grain boundaries. The newly formed grains may subsequently accommodate deformation by a grain boundary sliding mechanism analogously to conventional fine-grained superplastic alloys and thus contribute significantly to the ductility of the coarse-grained alloys.
Conclusions
Under optimum deformation conditions of temperature and strain rate, coarse-grained Al-Mg alloys can have an elongation to failure in excess of 300%. Experimental and theoretical analyses show that the principal mechanism of plasticity in these alloys is solute drag on gliding dislocations but that a combined mechanism of dislocation climb cannot be fully excluded. The plasticity of these materials is strongly influenced by dynamic reconstruction mechanisms. Dynamic recrystallization is dominant at strain rates in excess of 10 À1 s À1 and results in a strong coarsening of the microstructure and premature failure. Dynamic recovery prevails at a strain rate around 10 À2 s À1 , leading to great enhancement of the plasticity of the coarse-grained materials.
During dynamic recovery, grain refinement occurs by the formation of subgrain boundaries and low-angle grain boundaries. TEM observations show that subgrain formation proceeds slowly, presumably due to a relatively low stacking fault energy combined with a low density of second-phase particles. During initial straining, subgrains are formed primarily along the original grain boundaries. This results in a ''core and mantle'' microstructure, with dynamic recovery mainly taking place in the mantle region. A uniform substructure is established at a strain of the order of 1.
